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ABSTRACT: As lithium-ion batteries (LIB) see increasing use in
areas beyond consumer electronics, such as the transportation
sector, research has been directed at improving LIBs to better suit
these applications. Of particular interest are materials and
methods to increase Li+ capacity at various charge/discharge
rates, to improve retention of Li+ capacity from cycle-to-cycle, and
to enhance various safety aspects of electrode synthesis, cell
construction, and end use. This work focuses on the synthesis and
testing of three-dimensionally ordered macroporous (3DOM)
TiO2/C LIB anode materials prepared using low toxicity
precursors, including ammonium citratoperoxotitanate(IV) and sucrose, which provide high capacities for reversible Li+

insertion/extraction. When the composites are pyrolyzed at 700 °C, the carbon phase restricts sintering of TiO2 crystallites and
keeps the size of these crystallites below 5 nm. Slightly larger crystallites are produced at higher temperatures, alongside a
titanium oxycarbide phase. The composites exhibit excellent capacities as LIB anodes at low to moderate charge/discharge rates
(in the window from 1 to 3 V vs Li/Li+). Composites pyrolyzed at 700 °C retain over 200 mAh/g TiO2 of capacity after 100
cycles at a C/2 rate (C = 335 mA/g), and do not suffer from extensive cycle-to-cycle capacity fading. A substantial improvement
of overall capacities, especially at high rates, is attained by cycling the composite anodes in a wider voltage window (0.05 to 3 V
vs Li/Li+), which allows for Li+ intercalation into carbon. At currents of 1500 mA/g of active material, over 200 mAh/g of
capacity is retained. Other structural aspects of the composites are discussed, including how rutile TiO2 is found in these
composites at sizes below the thermodynamic stability limit in the pure phase.
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■ INTRODUCTION

In the early 1990s, the first lithium-ion batteries (LIB) were
commercialized. Owing to their high energy density and
attainable long cycle life, LIBs gradually displaced nickel−metal
hydride batteries in personal electronic devices.1 LIBs are now
being developed and deployed as power sources for other
applications, such as transportation and grid-scale storage.2,3

Advances are still needed (especially for the transportation
sector) to increase the higher energy densities of LIBs, enhance
their ability to charge/discharge quickly, and improve their
safety.4 One method to accomplish these goals is to modify the
composition and structure of the electrode materials. This
paper focuses on two anode materials, TiO2 and carbon, and a
reduced-toxicity synthesis capable of generating electrodes with
structural characteristics favorable for lithium storage.
Most commercially available LIBs that power consumer

devices have a similar configuration. These batteries contain a
carbon anode, a lithium cobalt oxide cathode, and a carbonate
electrolyte with a dissolved lithium salt.5 Although carbon is a
popular anode material, it has some limitations that make it less
favorable for transportation applications. Carbon anodes are
operated at potentials near the Li/Li+ couple, which lead to
breakdown of the electrolyte, formation of a solid-electrolyte
interface (SEI), and can eventually result in dangerous lithium

plating on the anode surface.6,7 When graphite is used as an
anode material, capacities for Li+ insertion/extraction decrease
precipitously at high charge/discharge rates. Alternate lithium
insertion materials have been explored to alleviate safety
problems present in carbon systems, and to provide high power
densities. Titanium dioxide has emerged as a potential
candidate for several reasons: lithium insertion in TiO2 occurs
at a higher potential (∼1.5−1.7 V vs Li/Li+) that avoids plating,
the material is minimally toxic and abundant, and TiO2 can be
charged and discharged rapidly without crippling losses to
capacity.8,9 However, satisfactory utilization of the capacity and
rate performance of TiO2 is only attainable by using nanoscale
TiO2, nanoporous TiO2, and/or composites that contain TiO2

and a secondary conductive phase.8 In TiO2-containing
materials with controlled morphologies, it is possible to shorten
diffusion lengths, to better accommodate volume changes, and
to increase the area available for insertion/extraction
reactions.9−11 With composites, it is possible to greatly increase
the electronic conductivity of the electrode material over that of
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pure TiO2.
12 Unfortunately, TiO2 has a lower theoretical

capacity for Li+ storage than various allotropes of carbon.
To effectively use TiO2 as an anode material, porous

composites of TiO2 and carbon have been synthesized using a
combination of sol−gel chemistry and hard/soft tem-
plates.13−21 Many composites simply use carbon as an inactive
conductive additive. For instance, Zeng et al. filled an ordered
mesoporous carbon material with TiO2 crystallites and partially
combusted the carbon phase.19 This material contains a low
fraction of carbon, and contains a favorable morphology for
electron and lithium-ion conduction. Recently, it has been
observed that high capacities can be obtained by cycling
mesoporous TiO2/C composites in a voltage window that
allows for lithium intercalation and deintercalation to occur in
the carbon phase.16,18,22,23 Although cycling in an expanded
voltage window erases some safety advantages, this allows
TiO2/C composite materials to attain higher capacities than
either pure TiO2 or C with similar structures.16,22 At high rates,
the composite anodes retain much greater capacities than what
is possible for graphite anodes.18 So far, soft-templated
mesoporous materials have been primarily studied for TiO2/
C anodes cycled in an expanded voltage window.16,18 Hard
templates can offer better fidelity for replication (or inverse
replication) of a porous structure, especially macroporous
structures.24 One versatile method for hard templating uses
ordered arrays of spherical particles, colloidal crystals, as
templates for the synthesis of negative replica structures with a
bicontinuous network of pores and solid material.25 These
three-dimensionally ordered macroporous (3DOM) structures
offer moderate surface areas for intercalation reactions, short
diffusion lengths, and an interconnected pore structure that aids
in electrolyte transport.26 Researchers have successfully used
3DOM TiO2 to fabricate anodes with good capacities and rate
performance,27,28 but little research has been conducted
regarding 3DOM TiO2/C composite anodes.17 As a conse-
quence, it is not known if 3DOM TiO2/C electrodes can be
cycled in a wide voltage window, so as to improve capacities for
Li+ insertion and extraction.
Many routes have been devised for the synthesis of carbon

and TiO2 composites that possess favorable electrochemical
properties; however, few studies have specifically targeted
means to minimize the toxicity of the synthesis precursors (via
greener chemistries). Because an important motivation for the
use of TiO2 is to improve safety in batteries, it is logical to also
consider the safety of syntheses for advanced electrode
materials containing TiO2. For instance, the introduction of
amorphous carbon into a composite is commonly achieved
using toxic organic molecules, such as phenol, formaldehyde,
aniline, and furfural alcohol.29,30 Other carbon sources, such as
graphene and carbon nanotubes, present their own safety
concerns that are still under intense investigation.31,32 In
addition, precursors used for the synthesis of TiO2 are often
toxic, such as the volatile TiCl4, or require stabilization through
the use of volatile and hazardous chelating agents.17,33,34

Greener synthesis routes that use less dangerous precursors
represent an important research direction for TiO2 electrodes,
including routes that produce materials with good capacity for
lithium insertion and extraction.
This paper describes new syntheses of 3DOM TiO2/C

e l e c t r o d e s u s i n g a wa t e r - s o l u b l e , ammon i um
citratoperoxotitanate(IV) precursor for TiO2 and different
precursors (PF sol, sucrose, and citric acid) for amorphous
carbon. In addition to being a greener synthesis pathway for

TiO2/C, the 3DOM TiO2/C electrodes contain nearly a 1:1
TiO2 to carbon ratio (by weight) and are excellent candidate
electrodes for cycling in a wide voltage window. A major focus
of this work is an exploration on how the final pyrolysis
temperature alters the structural and electrochemical properties
of the composites. Another focus is the effect of changing the
precursor from one that contains PF sol to a safer alternative
that contains sucrose on the structure of these composite
materials. Attention is also paid to how the precursor impacts
the location and composition of the TiO2 phase in the carbon
matrix, a crucial factor in electrode performance. No matter
which specific synthesis is used, the 3DOM TiO2/C materials
have a relatively high carbon content, which allows for high Li+

insertion/extraction capacities at low rates in the voltage range
from 1 to 3 V vs Li/Li+. However, the capacity of these
composites at high rates is curtailed. As alluded to earlier, to
utilize both components of the composites and improve
capacities, cycling was also conducted in an extended voltage
range (0.05−3 V vs Li/Li+). These experiments have led to
further evidence that composites of TiO2 and C provide a
considerably higher lithium-ion capacity than similarly struc-
tured materials containing only carbon. Furthermore, this
boosted capacity can be obtained from macroporous electrodes
that also offer better performance at high charge/discharge
rates than mesoporous electrodes.

■ EXPERIMENTAL SECTION
Materials.Methyl methacrylate (99%), titanium metal (sponge, 3−

19 mm, 99.5%), citric acid monohydrate (ACS reagent grade,
≥99.0%), poly(ethylene oxide)−block-poly(propylene oxide)−block-
poly(ethylene oxide) copolymer (molecular weight of 5800, P123),
sodium carboxymethyl cellulose (molecular weight of 250 000),
lithium ribbon (0.75 mm thickness, 99.9%), and dimethyl carbonate
(anhydrous, ≥99.0%) were purchased from Sigma-Aldrich. Phenol
(ACS reagent grade), formaldehyde (certified ACS, 37 wt % in water),
potassium persulfate (ACS reagent grade), and hydrogen peroxide
(certified ACS, 30 wt % in water) were obtained from Fischer
Scientific. Hydrochloric acid (ACS reagent grade, 37 wt % in water),
ammonium hydroxide (ACS reagent grade, 28−30 wt % in water), and
sodium hydroxide pellets (ACS reagent grade) were obtained from
Macron Chemicals. Sucrose (ACS reagent grade) was obtained from
Mallinckrodt. Ethanol (200 proof, USP grade) was purchased from
Decon Laboratories. A suspension of styrene−butadiene rubber (50 wt
% in water) was purchased from the MTI Corporation. All of the
aforementioned chemicals were not further purified before use. Any
deionized water used in these procedures was produced using a
Barnstead Sybron purification system (final resistivity > 18 MΩ·cm).

Synthesis of the Ammonium Citratoperoxotitanate(IV)
Precursor. This complex was synthesized following a procedure
established in the literature,35 but with a few modifications. To briefly
summarize, titanium metal (0.25 g) was combined with 30 wt %
aqueous H2O2 (20 mL) and concentrated ammonium hydroxide (5
mL). This mixture was stirred on ice for 1 h and then stirred at room
temperature until all titanium dissolved. Citric acid monohydrate (1.10
g) was added to the solution. The mixture was heated to 40 °C
overnight, and a yellow gel was formed. If needed, further drying was
conducted at 70 °C for 3 h.

Synthesis of 3DOM TiO2/C with Phenol-Formaldehyde Sol
as a Carbon Source (PF-TiO2/C). For this composite and all others,
colloidal crystal templates were used. Poly(methyl methacrylate)
(PMMA) colloidal spheres were first synthesized using an emulsifier-
free emulsion polymerization.36 Once a suspension of spheres was
obtained, a portion of the suspension was placed in a crystallization
dish and allowed to sediment. The supernatant was removed via
evaporation at ambient temperature. Phenol-formaldehyde (PF)
prepolymer sol was also made following a published procedure.37
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The prepolymer was dried using rotary evaporation and redispersed in
ethanol to form a 50 wt % ethanolic sol.
The precursor for 3DOM TiO2/C was prepared by first mixing

water (1.5 g), ethanol (1.25 g), and concentrated HCl (1.25 g). P123
was then heated at 40 °C until it melted. Liquid P123 (0.8 g) was
added to the precursor and stirred until it dissolved. Dried ammonium
citratoperoxotitanate(IV) gel (1.6 g) was poured into the precursor,
and the mixture was stirred for 15 min. More water (0.25 g) and
concentrated HCl (0.25 g) were added to eliminate turbidity, and the
precursor was stirred for 5 min. Finally, the precursor was combined
with PF sol (0.1 g), and the mixture was stirred overnight.
The colloidal crystal templates were broken into pieces with

dimensions of several millimeters and infiltrated with the precursor.
For infiltration, the pieces of template were placed at the bottom of a
scintillation vial and precursor was pipetted into the vial. To reduce
cracking, the liquid precursor was not allowed to cover the top of the
templates. Infiltration via capillary action typically took between 2 and
6 h and caused the templates to turn partially translucent once
completed. Once infiltration was complete, the templates were wiped
clean of excess precursor. Additional solvent was removed by placing
the templates in a vacuum oven under low vacuum for 30 min at
ambient temperature. Thermal treatment of the templates was
performed at 100 °C for 24 h and 140 °C for 24 h. Samples were
then heated in a tube furnace under 0.7 L/min of Ar at 1 °C/min to
350 °C and kept at that temperature for 4 h. Depending on the
sample, the temperature was then increased at 1 °C/min to either 700,
800, or 900 °C and held at the target temperature for 2 h.
Synthesis of 3DOM TiO2/C with Sucrose as a Carbon Source

(Sucrose-TiO2/C). For the sucrose-TiO2/C, a precursor was prepared
in fashion similar to the PF-TiO2/C. Initially, water (3.5 g),
concentrated HCl (1.25 g), and liquid P123 (0.8 g) were mixed
until the P123 dissolved. The ammonium citratoperoxotitanate(IV)
gel (1.6 g) was then added to the precursor, and the solution was
stirred until it dissolved. If the solution remained slightly turbid, it was
heated to 40 °C and was stirred until the turbidity disappeared.
Sucrose crystals (0.1 g) were then poured into the precursor, and the
solution was stirred overnight. All subsequent processing steps were
identical to those performed with the PF-TiO2/C.
Characterization. All samples were analyzed using a variety of

analytical techniques. TiO2 content was determined using thermo-
gravimetric analysis (TGA). Samples were loaded in a Netzsch STA
409 PC Luxx thermal analyzer under air flow and heated at 10 °C/min
to 1000 °C. C, H, and N analyses were carried out by Atlantic
Microlab, Inc. (Norcross, GA) using automatic combustion analysis.
Fourier transform infrared red (FTIR) spectra were obtained using a
Nicolet Magna-IR 760 spectrometer. Solid samples for FTIR were
ground with KBr and pressed into pellets prior to analysis. Raman
measurements were carried out using a 514.5 nm Ar+ laser attached to
a WiiTech Alpha300R confocal Raman microscope with a DV401
CCD thermoelectric-cooled detector. For a given area, multiple
spectra were collected and averaged to provide the final, reported
spectrum. To prepare specimens for scanning electron microscopy
(SEM), powders of the TiO2/C samples were affixed to double-sided
carbon tape placed on an Al stub. These samples were coated with 50
Å of Pt and imaged using a JEOL 6700 instrument operated with an
accelerating voltage of 5 kV. Samples for transmission electron
microscopy (TEM) were prepared by sonicating powders in ethanol
(or dimethyl carbonate) for 5 min, and then dropping the suspension
on Cu grids coated with holey carbon. Imaging was performed using a
FEI Technai T12 TEM instrument equipped with a LaB6 filament and

operated at 120 kV. Powder X-ray diffraction (PXRD) was conducted
using a PANalytical X’Pert Pro diffractometer that was outfitted with a
cobalt anode (45 kV, 40 mA) and an X’celerator line detector. Line
broadening in the patterns was used to estimate the crystal size via the
Scherrer equation. A Rigaku RU-200BVH with a rotating copper
anode was used to collect small-angle X-ray scattering (SAXS)
patterns. Scattered X-rays were detected using a Siemens Hi-Star
multiwire area detector. Nitrogen sorption isotherms at 77 K were
obtained using a Quantachrome Autosorb-iQ2-MP analyzer. Prior to
analysis, all samples were outgassed for 12 h at 200 °C and 0.001 Torr.
The Brunauer−Emmett−Teller (BET) method was applied to obtain
surface areas, and pore volumes were calculated using the point P/Po =
0.995 on the adsorption branch.

Electrochemical Characterization. Before an electrode paste was
made, the prepared 3DOM TiO2/C composites were ground and
ultrasonicated. Another electrode was made by physically mixing a
solution of 50 wt % Degussa P25 TiO2 and 50 wt % MTI Corporation
artificial graphite powder. The processed active materials were mixed
with Timcal Super P carbon black, aqueous sodium carboxymethyl
cellulose (CMC), and aqueous styrene−butadiene rubber (SBR). In
the final paste, the weight ratio of components was 84 wt % active
material, 10 wt % carbon black, 4 wt % CMC, and 2 wt % SBR. Pastes
were coated on either carbon-coated aluminum (kindly provided by
Exopack Advanced Coatings) or Cu foil. Electrode films were dried at
ambient conditions overnight and then at 24 h at 105 °C. The loading
of electrode paste per cm2 ranged from 1 to 2 mg/cm2. A punch with a
0.5 in. diameter was used to cut out electrode disks. Half-cells were
assembled using CR2032 cells purchased from MTI Corporation.
Lithium ribbon served as the counter electrode in the cells and a
coated polypropylene separator (Celgard 3501) was utilized to prevent
shorts. The electrolyte used in the cells was 1 M LiPF6 dissolved in a
1:1:1 mixture (by mass) of ethylene carbonate, dimethyl carbonate,
and diethyl carbonate (purchased from MTI Corporation). All cells
were assembled in a glovebox filled with He gas. Cycling was
performed on an Arbin Instruments BT2000 from either 1 to 3 V vs
Li/Li+ (using carbon-coated Al as a current collector) or from 50 mV
to 3 V vs Li/Li+ (using copper as a current collector). Depending on
the voltage range used, the C-rate was set so that 1 C = 335 mA per g
of TiO2 in the composite (1−3 V) or set at 1 C = 335 mA per g of the
composite (0.05−3 V). Specific capacities were calculated in a similar
fashion. Cyclic voltammetry (CV) curves were obtained using a
Solartron 1287 electrochemical station. Scanning was conducted
between 0.05 and 3 V vs Li/Li+ with a scan rate of 5 mV/s and a 1 s
integration time.

Impedance spectroscopy was performed on the coin cells using a
Solartron 1255B frequency analyzer with an attached 1287 electro-
chemical interface. The electrode film served as the working electrode
and lithium foil served as the counter and reference electrodes. A
frequency range of 50 kHz to 500 mHz, an amplitude of 10 mV, and a
constant resistance of 100 kΩ were used. The measurements were
carried out with cells that were freshly assembled and left to rest for 4
h to facilitate full infiltration with electrolyte, and also on the same
cells after they had been galvanostatically cycled 50 times between 3.0
and 0.05 V vs Li/Li+ at 1 C, ending at 3.0 V (fully delithiated). The
impedance measurements were performed at the resting potential
(between 2.8 and 2.9 V vs Li/Li+). The spectra were fitted to an
equivalent circuit (Figure S13c in the Supporting Information) using
Wolfram Mathematica 9.0.

Table 1. Compositions of the Composite Materials

sample
TiO2 content
(wt %)a

carbon content
(wt %)b

organic oxygen content
(wt %)b

hydrogen content
(wt %)b

nitrogen content
(wt %)b

PF-TiO2/C 700 °C 51.5 42.3 2.5 0.9 2.8
sucrose-TiO2/C, 700 °C 46.3 43.0 6.8 0.7 3.2

aDetermined via thermogravimetric analysis. bC, H, and N of the carbonaceous phase determined via combustion analysis, organic oxygen by
difference.
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■ RESULTS AND DISCUSSION
Characterization of PF-TiO2/C and Sucrose-TiO2/C. All

of the composites were prepared using an ammonium
citratoperoxotitanate(IV) gel as a major ingredient. From
FTIR and Raman spectroscopy (Figure S1 in the Supporting
Information), the gel contains coordinated peroxo and citrate
groups bonded in a unidentate fashion. However, there also
appear to be free citric acid and Ti centers linked by Ti−O−Ti
bonds in the gel. A more detailed analysis is given in the
Supporting Information. The chemical composition of PF-
TiO2/C and sucrose-TiO2/C pyrolyzed at 700 °C was
determined using a combination of thermogravimetry and
combustion analysis (Table 1). TGA revealed that the content
of TiO2 is slightly greater in PF-TiO2/C than in sucrose-TiO2/
C. This difference is most likely due to the fact that twice the
mass of sucrose was used in the sucrose-TiO2/C precursor
when compared to the mass of PF sol in the PF-TiO2/C
precursor. However, pyrolysis of citric acid contributes a
substantial fraction of carbon in both the PF-TiO2/C and the
sucrose-TiO2/C (10 times the number of moles of citric acid
monohydrate is present relative to the PF sol/sucrose).
Although the carbon and hydrogen content is similar for
both samples, the oxygen content is higher in the carbonaceous
fraction of the sucrose-TiO2/C. Elevated oxygen content is
expected because sucrose contains an atomic ratio of O to C of
nearly one.38 PF-TiO2/C and sucrose-TiO2/C contain similar
amounts of hydrogen and nitrogen. The nitrogen content is
significantly elevated in these composites when compared to
3DOM C prepared from the carbonization of resorcinol−
formaldehyde resin.39 Ammonium ions in the gel precursor for
the TiO2 appear to be responsible for the increase in nitrogen
in the carbonaceous fraction.
To confirm that hard templating was successful, SEM images

of the composites were obtained, and representative images are
displayed in Figures 1 and S2 (Supporting Information). All

materials contain an interconnected, face-centered-cubic array
of macropores that facilitates penetration of electrolyte
throughout these materials. Some disorder (micrometer-scale
voids, broken struts) is present in the network. Although the
3DOM structure is similar for both PF-TiO2/C and sucrose-
TiO2/C, a few differences can be observed. For the PF-TiO2/C,
many regions have interconnecting windows with a narrow
diameter. This is typical of surface-templated 3DOM materials
synthesized with precursors that have more favorable
interactions with the hard template. The ethanol in the PF-
TiO2/C can wet the PMMA colloidal crystal better than the
purely water-based precursor for sucrose-TiO2/C, explaining
the occurrence of surface templating. A more “skeletal” volume-

templated structure with larger windows between adjacent
macropores is present in the sucrose-TiO2/C that likely arises
from repulsive interactions between the highly polar precursor
and the nonpolar template.25

Transmission electron microscopy provides a more complete
understanding of the morphology, including the location/size
of TiO2 crystallites and mesopores. From examination of Figure
2, TiO2 crystallites are so small that they cannot be observed at

moderate magnifications for composites pyrolyzed at 700 °C.
The carbon matrix provides a barrier for the sintering of TiO2
crystallites, resulting in their small size. Small, bright lines also
snake across the composites at those temperatures, and result
from disordered mesopores templated from P123. Higher
magnification images (Figure S3 in the Supporting Informa-
tion) reveal the crystallites via diffraction contrast. These
crystals are smaller than 5 nm in both PF-TiO2/C and sucrose-
TiO2/C. This is smaller than TiO2 crystals in 3DOM TiO2/C
synthesized using trifluoroacetic acid or 2,4-pentanedione as
chelating agents at the same pyrolysis temperature.17 Because
carbon content is higher in the PF-TiO2/C and sucrose-TiO2/
C than the 3DOM TiO2/C synthesized in the aforementioned
paper, sintering of TiO2 is suppressed even further.
Decomposition of the citric acid may also assist in inhibiting
the sintering of TiO2. Carboxylate groups of the citric acid are
bonded to Ti ions (see the Supporting Information), and the
citric acid can carbonize into shells that surround growing TiO2

Figure 1. SEM images of (a) PF-TiO2/C and (b) sucrose-TiO2/C
composites pyrolyzed at 900 °C. Images corresponding to other
pyrolysis temperatures are shown in Figure S2 in the Supporting
Information.

Figure 2. TEM micrographs of PF-TiO2/C and sucrose-TiO2/C
pyrolyzed at various temperatures. The first column shows PF-TiO2/C
pyrolyzed at (a) 700 °C, (c) 800 °C, and (e) 900 °C. The second
column shows sucrose-TiO2/C pyrolyzed at (b) 700 °C, (d) 800 °C,
and (f) 900 °C.
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nuclei during pyrolysis. After pyrolysis at 800 and 900 °C, a
distinct increase in the crystal size occurs, indicating that the
temperature is sufficiently high to allow for extensive sintering.
At 800 °C, PF-TiO2/C experiences more pronounced sintering
than sucrose-TiO2/C, albeit in localized areas. For the PF-
TiO2/C sample pyrolyzed at 900 °C, many crystallites of TiO2
are localized on the surface of the composite. In the case of the
sucrose-TiO2/C, areas that suffer from extensive sintering
contain crystallites conforming to the structure of the 3DOM
network.
TEM imaging also reveals inhomogeneities in the location

and size of TiO2 crystallites in the composites (Figure 3). At

higher pyrolysis temperatures (800 and 900 °C), there is a
substantial nonuniformity in the size of the observed
crystallites. Many regions contain crystals that are much
smaller than those found adjacent regions (compare Figure
3a−c with the counterparts in Figure 2). This variation is
highlighted especially well by comparing the top right of Figure
3a with the bottom center of the image. Areas with a high
concentration of TiO2 facilitate sintering and lead to larger
crystallites. As shown later, titanium oxycarbide is also present
in these composites. Regions with smaller crystallites contain a
high concentration of the oxycarbide phase. Selected area
electron diffraction (SAED) of these areas (specifically those
shown in Figure 3b,c), reveal diffraction rings that cannot be
indexed to anatase or rutile TiO2 but match a titanium
oxycarbide phase also found in the PXRD patterns discussed
below (see Figure S4 in the Supporting Information).
By examining the PXRD patterns of the composites (Figures

4 and S5, Supporting Information), one can observe that similar
series of phase transformations occur for both PF-TiO2/C and
sucrose-TiO2/C. For composites pyrolyzed at 700 °C, strong
peaks corresponding to anatase or rutile TiO2 are absent. A
broad peak near 29.4° 2θ matches the (101) reflection of
anatase TiO2 and is overlaid on a shoulder spanning from 22.5
to ∼40° 2θ from amorphous carbon.38 Another peak near 51°
2θ is attributed to the carbon framework produced from the
various carbon-containing precursors (denoted with a cross in
Figure 4).38,40 Once the pyrolysis temperature is increased to
800 °C, anatase and rutile reflections appear in the patterns.
Rutile is the major TiO2 polymorph at 900 °C. This is expected
because rutile is the thermodynamically stable phase for bulk
TiO2 and forms at high temperatures.41 Several other peaks are
observed in the patterns of materials pyrolyzed at 800 and 900
°C. Because these reflections are positioned between cubic TiC
and TiO and follow the pattern of a face-centered cubic
structure, they are assigned to a titanium oxycarbide (TiOxCy)

phase.42 All the d-spacings of the reflections shown in the
PXRD patterns (see Figure S5 in the Supporting Information)
closely match those of the SAED patterns shown in Figure S4
in the Supporting Information. This provides further
confirmation that titanium oxycarbide is present in certain
areas of the 3DOM composites. The titanium oxycarbide is
formed from the carbothermic reduction of TiO2,

13,20 and this
process occurs at unusually low temperatures for PF-TiO2/C
and sucrose-TiO2/C.

43 Small crystallite sizes and the
abundance of carbon facilitate the carbothermic reduc-
tion.20,43,44 Indeed, this process occurs so quickly that the
intermediate Magneli ́ phases that typically form during the
reduction42 are not even identified in the PXRD patterns.
Crystallite sizes of anatase TiO2, rutile TiO2, and titanium

oxycarbide were estimated using the line width of sufficiently
intense reflections in the PRXD patterns and are presented in
Table 2. At 700 °C, the reflections are so weak that they cannot
be satisfactorily fit. Again, this is due to a suppression of
sintering by the intervening carbon matrix. Once the pyrolysis
temperature is increased to 800 °C, TiO2 crystallite sizes can be
determined. PF-TiO2/C contains larger anatase TiO2 crystal-
lites than those in sucrose-TiO2/C. This difference may be
from the increased proportion of the secondary carbon phase in
sucrose-TiO2/C. Even though confinement of TiO2 by the

Figure 3. TEM micrographs highlighting inhomogeneities in the
location/size of TiO2 crystallites in the composites. (a) Regions with
large and small crystallites of TiO2, coexist for the PF-TiO2/C sample
pyrolyzed at 800 °C. For the images of (b) PF-TiO2/C and (c)
sucrose-TiO2/C pyrolyzed at 900 °C, crystallites of TiO2 (or titanium
oxycarbide) are much smaller than those imaged in Figure 2

Figure 4. PXRD patterns for (a) PF-TiO2/C and (b) sucrose-TiO2/C
pyrolyzed at different temperatures. The cross marks the location of a
peak from the carbon network and the asterisk marks a reflection from
the Al sample holder.
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carbonaceous fraction occurs in PF- and sucrose-TiO2/C, the
size of TiO2 crystallites exceeds 10 nm in all samples once
pyrolysis is conducted 900 °C. Rutile TiO2 grows more rapidly
than anatase TiO2,

45 and this is borne out by the larger rutile
crystal size in sucrose-TiO2/C. Interestingly, larger rutile
crystallites are found in sucrose-TiO2/C than in PF-TiO2/C,
but this may be from the increased conversion of TiO2 to
titanium oxycarbide in PF-TiO2/C. A decreased content of
TiO2 in PF-TiO2/C due to the conversion may limit sintering.
Reflections from the titanium oxycarbide phase can be fitted for
materials pyrolyzed at 900 °C. The average size of oxycarbide
crystallites is 3.2 nm in PF-TiO2/C and 3.9 nm in sucrose-
TiO2/C, and these sizes are similar to TiC formed via
carbothermic reduction in mesoporous TiO2/C materials.13,20

Titanium oxycarbide experiences slower sintering and grain
growth kinetics than either TiO2 polymorph.
Because inhomogeneities were detected using TEM, confocal

Raman microscopy was also used to investigate the spatial
variations in the TiO2 polymorph. Spectra of PF-TiO2/C and
sucrose-TiO2/C pyrolyzed at different temperatures are
presented in Figure 5. Depending on the area of sample
analyzed, Raman modes corresponding to the anatase or rutile
polymorph are found.46,47 Rutile TiO2 is detected in the PXRD
patterns for composites pyrolyzed at 800 and 900 °C, so the
appearance of rutile Raman modes are expected. However, the
appearance of peaks that match the position of rutile TiO2
modes is unexpected for samples pyrolyzed at 700 °C. It
appears that rutile TiO2 nucleates from ammonium
citratoperoxotitanate(IV) or undergoes a phase transition
(from either amorphous TiO2 or anatase TiO2) to rutile at
very small crystallite sizes (below 5 nm). At that size, rutile is
thermodynamically unstable relative to anatase when no
surrounding carbon matrix is present.45 When TEM images
for sucrose-TiO2/C pyrolyzed at 700 °C (Figure S3b in the
Supporting Information) are examined, the spacing between
lattice fringes of TiO2 crystals is ∼0.32 nm. This distance
corresponds to the d-spacing for the (110) plane of rutile TiO2.
Anatase is found in other areas with a lattice spacing of ∼0.35
nm (corresponding to the (101) plane), and this is shown for
PF-TiO2/C pyrolyzed at 700 °C (Figure S3a in the Supporting
Information). Another contribution to the vibrational modes
that match rutile TiO2 may be from titanium oxycarbide
crystallites. While crystals of stoichiometric cubic TiC (and
TiO) lack Raman-active modes, crystals with cationic vacancies
display Raman modes at positions nearly identical to those of
rutile TiO2.

48,49 It is possible that conversion from TiO2 to the
oxycarbide would produce crystallites with defects.49

Confocal Raman microscopy was also used to analyze the
carbonaceous components in these composites. The corre-
sponding spectra are presented in Figure S6 in the Supporting

Information. Two characteristic bands are observed, both of
which result from vibrations in the six-membered carbon rings
that are present in the amorphous carbon. Centered at ∼1600
cm−1 is the G band, which arises from stretching of bonds
between sp2-hybridized carbon atoms.50 At ∼1350 cm−1 is the
D band, which results from a breathing mode in any sp3-
hybridized carbon atoms present in the ring.50 Not surprisingly,
the intensity of the G band relative to the D band increases as
the pyrolysis temperature is raised for both PF-TiO2/C and
sucrose-TiO2/C (see Table S1 in the Supporting Information).
This indicates that the fraction of sp3-hybridized carbon atoms
decreases at high pyrolysis temperatures, since higher temper-
atures allow for the removal of heteroatoms and the formation
of extended aromatic (graphitic) domains.
The pore texture of the composite materials was analyzed by

SAXS and by N2 gas sorption to estimate the surface area of the
various samples, determine pore volumes, and probe changes in
meso-/microporosity. All of the N2 sorption isotherms
presented in Figure S7 in the Supporting Information reveal
sharp rises in the volume of gas adsorbed at low (P/Po < 0.001)
and high (P/Po > 0.9) relative pressures. Micropores present in
the amorphous carbon are responsible for the rise at the low
pressure range, and the templated macropores are responsible
for the rise at high pressures. Although the P123 surfactant was
present in the precursor, little hysteresis is present in the
isotherms. For PF-TiO2/C, very narrow hysteresis loops are
present in all samples. In contrast, sucrose-TiO2/C only has a
narrow hysteresis loop when pyrolyzed at 700 °C. However,
TEM images show changes in contrast expected for disordered
mesopores or perhaps isolated micelles (see Figures 2 and 3). It
appears that either the concentration of surfactant was too low
for the formation of any ordered mesostructure, or that the
interactions between the surfactant and the other components
of the precursor are insufficient or unfavorable for self-
assembly. SAXS patterns of the composites suggest that a
well-defined mesostructure is absent. These patterns are either
free of scattering peaks or contain a very weak scattering peak
near 1.5° 2θ (Figure S8 in the Supporting Information). Even
without substantial mesoporosity, all composites have BET
specific surface areas greater than 200 m2/g and high pore
volumes (see Table 2). As the pyrolysis temperature is brought
higher, both the specific surface area and pore volume the
composites increase. This increase is mainly from the continued
formation of micropores in the amorphous carbon component
(see Figure S9 in the Supporting Information); this
phenomenon is also observed in other nanostructured TiO2/
C composites.17,20

At this point, it is important to consider the location and
polymorph of the TiO2 crystallites in the composites in more
detail. Based on results obtained from SEM and TEM images,

Table 2. Structural and Textural Parameters of PF-TiO2/C and Sucrose-TiO2/C

sample
anatase crystallite size

(nm)
rutile crystallite size

(nm)
titanium oxycarbide crystallite size

(nm)
BET surface area

(m2/g)
pore volume
(mL/g)

PF-TiO2/C, 700 °C a a c 226 0.44
PF-TiO2/C, 800 °C 8.3 8.5 b 375 0.40
PF-TiO2/C, 900 °C c 10.3 3.2 412 0.60
sucrose-TiO2/C, 700 °C a a c 225 0.43
sucrose-TiO2/C, 800 °C 6.7 8.8 b 281 0.47
sucrose-TiO2/C, 900 °C 10.0 16.3 3.9 326 0.65

aReflections too weak to be analyzed via the Scherrer equation. bPhase present, but too weak to be analyzed via the Scherrer equation. cPhase not
detected in PXRD pattern.
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TiO2 crystallites are distributed throughout the carbon matrix
in the walls and nodes of the 3DOM network. From studies of
the citratoperoxotitanate(IV) complex, it has been determined
that the complex is hydrophilic and carries a negative charge.35

Even if that complex is different in the gel, functional groups on
the citric acid ligands and the peroxo ligands themselves should
be able to interact (via intermolecular bonding) with the water
and other hydrophilic components in the precursor. Similar
behavior was reported by Petkovich et al. for 3DOM TiO2/C
prepared using 2,4-pentanedione as a chelating agent.17 In both
the earlier report and here, the complex interacts with other
components in the precursor and a fairly homogeneous
distribution of TiO2 is observed. Inhomogeneities may arise
for PF-TiO2/C and sucrose-TiO2/C if the Ti cations are bound
extensively to carboxylate groups present on the citric acid and
the peroxo ligands. In this case, the complexes are less likely to
bond to hydroxyl functionalities present in the PF sol/sucrose,
hindering the interaction of the various components. An
alternate possibility is that excess ammonium citrate, which is
not bonded to Ti cations, phase demixes from the other
components of the precursor, and generates extensive carbon-
rich domains. It is more likely this occurs, given that free
carboxylate moieties are present in the gel precursor and only
unidentate carboxylate binding is detected in the ammonium
citratoperoxotitanate(IV) gel precursor (see Figure S1 and
discussion in the Supporting Information). Rapid conversion of
small TiO2 grains to titanium oxycarbide (perhaps in carbon-
rich areas) could also contribute to heterogeneities. Once TiO2
is converted to titanium oxycarbide, the oxycarbide grains grow
slowly, unlike the unconverted TiO2. Slight differences in
crystallite location between the PF- and sucrose-TiO2/C
precursor systems may arise from the ethanol in the PF
system. A less favorable interaction between the ionic precursor
and the ethanol may result in more separation from the
precursor, leading to more clustering of TiO2 crystals near the
surface, as is observed in PF-TiO2/C electron microscopy
images (Figure 2).
Another curious aspect of this system is that small rutile TiO2

nuclei are present in the carbon matrix. The transformation
from anatase to rutile does not generally occur until anatase
crystals reach ∼11 nm in size.41 Dopants can alter the point at
which the phase transition occurs, but the two likely dopants
here, carbon and nitrogen, are known to suppress that
transformation.45 Additionally, the carbon matrix should limit
crystal growth and reduce the number of interfaces between
anatase crystallites that can serve as nucleation sites for rutile.51

The preferential nucleation of rutile at low temperatures has
been observed in hydrothermal syntheses that use a titanium
source and citric acid.52 Researchers postulate that the
octahedral complexes of titanium and citric acid undergo
condensation to form linked edge-sharing units. Due to the
structural similarity of this arrangement to the TiO6 clusters in
rutile, the rutile phase preferentially forms.52 This could also
occur in the composites studied herein. Another factor may be
that reducing gases produced from pyrolysis of the citric acid
and PF sol/sucrose generate oxygen vacancies in the TiO2.
Oxygen vacancies are known to assist in the transformation of
anatase to rutile.45,53 While these two explanations address the
presence of rutile, they do not explain the coexistence of
ana t a s e T iO2 . I t cou ld be tha t some o f the
citratoperoxotitanate(IV) complexes condense at an earlier
processing stage (as observed from Ti−O−Ti linkages
described in the Supporting Information) and form face-
sharing octahedra. This is similar to the situation for TiO6
clusters in anatase, leading to its preferential nucleation.52

Electrochemical Characterization. For electrochemical
testing, PF-TiO2/C and sucrose-TiO2/C samples pyrolyzed at

Figure 5. Raman spectra for (a) PF-TiO2/C and (b) sucrose-TiO2/C
in the spectral region that reveals TiO2 lattice vibrations. Regions are
found in all the samples that contain anatase and/or rutile modes (see
insets). It is possible that vibrations from a defective TiOxCy phase
overlap with rutile TiO2 vibrations.
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700 and 800 °C were cycled in two different voltage windows.
Due to increases in TiO2 crystal size and widespread formation
of titanium oxycarbide, samples pyrolyzed at 900 °C were not
tested. This section first presents electrochemical cycling data
in the window between 1 and 3 V vs Li/Li+, which should be
dominated by insertion/extraction reactions in TiO2. However,
less than 50 wt % of any given electrode is TiO2. Full utilization
of the active material (TiO2 and carbon) is explored by
changing the voltage window to between 0.05 and 3 V vs Li/
Li+, allowing for lithium insertion/extraction into amorphous
carbon. Substantial improvements in the capacity of the
composites are realized by using the wider window. A
comparison is also made to 3DOM C synthesized using PF
sol, and this material is described in the Supporting Information
(see Figures S10 and S11, and associated text in the Supporting
Information).
When cycling is limited to the window between 1 and 3 V vs

Li/Li+, the impact of increased pyrolysis temperature and
amorphous carbon content are observed. Figure 6a shows the
capacities at different cycling rates, and Figure 7 shows
extended cycling at a rate of C/2. Raising the pyrolysis
temperature has a similar effect for both PF-TiO2/C and
sucrose-TiO2/C; capacities decrease at 800 °C for all cycling

rates when compared to electrode materials pyrolyzed at 700
°C. This is borne out in both the rate performance and the
extended cycling data. Extensive crystallite growth occurs when
pyrolysis temperatures are increased from 700 to 800 °C;
moreover, the titanium oxycarbide forms when PF-TiO2/C and
sucrose-TiO2/C are pyrolyzed at 800 °C. These processes
counteract any benefit derived from the enhancement of the
electronic conductivity of the carbon framework generated by
higher pyrolysis temperatures.54 The benefits of improved
electronic conduction in the carbon framework are negated in
another fashion. While the amorphous carbon in the
composites restricts crystal growth, it also blocks lithium-ion
transport to the active TiO2 crystallites. An ideal composite of
carbon and active material should contain either a minimal
conformal coating of carbon55 or (for an active material with
slow ion conduction) as few contact points with carbon as
possible.56 Electronic conductivity is then facilitated without
hindering ionic transport. Unfortunately, PF-TiO2/C and
sucrose-TiO2/C contain abundant carbon that blocks ion
transport to TiO2 crystallites in the 3DOM network. As a
consequence, capacities deteriorate at high charge/discharge
rates. However, the capacities for insertion/extraction of Li+ at
low rates are quite good, and exceed 0.5 Li+ per unit of TiO2.
Interestingly, the capacities of the TiO2/C anodes increase
during repeated charging and discharging at a C/2 rate and
only begin to level out after roughly 80 charge/discharge cycles.
This capacity rise has been observed for other TiO2-containing
anodes,19,57−59 and is typical of lithium storage in a polymeric
gel layer that can form on carbon and metal oxide anode
materials.60−62 During electrochemical cycling, the gel dissolves
into the carbonate solvent during discharge and re-forms during
charging.60 Further evidence of gel layer formation and
dissolution (via analysis of cyclic voltammograms) is discussed
in the Supporting Information.
Changing the precursor to the less toxic one used for

sucrose-TiO2/C induces minor changes in the observed
capacities when compared to PF-TiO2/C. Capacities are
generally higher for PF-TiO2/C than for sucrose-TiO2/C
after these composites are pyrolyzed at 700 °C. This reverses
when pyrolysis is conducted at 800 °C. Sucrose-TiO2/C has
higher capacities than its counterpart until 2C (at which point
they are about equal). Similar to what is discussed above, these
differences in capacity stem from variations in carbon content
and TiO2 crystallite size. At 700 °C, both types of composite
have extremely small crystallites, but the composite with PF-
TiO2/C contains more TiO2 than the sucrose-TiO2/C. Extra
carbon can impede Li+ transport through sucrose-TiO2/C,
causing the decreased capacity at high rates. Greater oxygen
content in the carbonaceous phase of the sucrose-TiO2/C
might also result in lower electronic conductivity and lower
capacities. For composites pyrolyzed at 800 °C, the material
with smaller anatase crystallites (sucrose-TiO2/C) has higher
capacities at high rates. It should be noted that the maximum
difference in capacities is about 30% for materials pyrolyzed at
700 °C and about 20% for 800 °C (see Figure 6). From the
standpoint of the lithium-ion insertion/extraction, there are no
drawbacks to using the safer precursor for 3DOM TiO2/C.
Possible mechanisms for insertion/extraction into the

composite electrode can be explored for the composites via
analysis of their voltage profiles (Figure 8). Easy resolution of a
biphasic intercalation mechanism versus solid solution or
interfacial charge storage is possible. For instance, the voltage
profiles show a sloping profile without a noticeable plateau

Figure 6. Capacities at different C-rates for PF-TiO2/C and sucrose-
TiO2/C pyrolyzed at 700 and 800 °C. In panel a, the voltage window
extends between 1 and 3 V vs Li/Li+ for the tests, and the specific
capacities/currents are per gram of TiO2 in the electrode. In panel b,
the voltage window used for these tests extends from 0.05 to 3 V vs
Li/Li+ and the specific currents/capacities are per mass of composite
in the electrode. A 3DOM C reference material pyrolyzed at 700 °C is
also shown in panel b, and cycled with the same conditions as the
composites.
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(Figure 8). The plateau for two-phase intercalation in anatase
should occur at ∼1.7 V at low C rates,8 but it is absent in Figure
8a−d. Because the anatase crystallites are so small, the
emergence of two phases (and an associated phase boundary)
is postulated to be energetically unfavorable, leading to Li+ solid
solution insertion/extraction.63 A sloping profile occurs in this
solid solution case. Another contribution can be attributed to
intercalation into rutile TiO2, which also displays a sloped
voltage at small crystallite sizes.64 Either intercalation into a
rutile-like lithiated form of TiO2 with an extended solid
solution range may contribute to this behavior,65 or a phase
change may have occurred early on in cycling.64,66 Once an
irreversible phase change from rutile TiO2 to a lithiated
hexagonal titanate takes place, insertion and extraction of Li+

only occurs in the hexagonal phase via a solid solution
mechanism.66 Carbon should contribute only a limited amount
to the capacity because only certain sites in the amorphous
matrix can undergo insertion/extraction in this range.38,67 Li+

storage/extraction into the polymeric gel layer may also
contribute, albeit to a limited extent, to the sloping profiles.
Because amorphous carbon comprises a substantial fraction

of these composites, better utilization of the entire mass of the

electrode is possible by cycling the electrodes down to 0.05 V
vs Li/Li+ (Figure 9). A large percentage (over 50% for all rates)

of the capacity comes from the region below 1 V vs Li/Li+,
which includes Li+ insertion/extraction events into amorphous
carbon. Staging behavior typical of graphitic carbon is not
present,67 instead the voltage profile is sloped. Amorphous
carbon, with its abundance of different intercalation environ-
ments, displays a sloping voltage profile like what is observed in
Figure 9.67 Similarly, part of the capacity in Figure 9 comes
from TiO2, especially in the range of 1 to 3 V vs Li/Li+. Figure
S12 in the Supporting Information provides cyclic voltammo-
grams that show further evidence of the contribution of TiO2 in
that range, and potentially at lower voltages. An extended
discussion of the voltammograms and a comparison to the
3DOM C reference material is also given in the Supporting
Information. Changing to a larger voltage window may also
overcome any kinetic barriers (e.g., an overpotential) to
intercalation into highly confined TiO2 crystallites, allowing
for better utilization of the active material. Even in nano-

Figure 7. Extended cycling (100 cycles) conducted at a rate of C/2 for (a) PF-TiO2/C and (b) sucrose-TiO2/C. Coulombic efficiencies are shown
for all of the materials. The voltage window extends between 1 and 3 V vs Li/Li+ for the tests.

Figure 8. Voltage profiles for charging and discharging at various rates
(using a window from 1 to 3 V vs Li/Li+). Graphs for the PF-TiO2/C
composites for pyrolysis at (a) 700 °C and (b) 800 °C are shown at
the top, and graphs for the sucrose-TiO2/C composites for pyrolysis at
(c) 700 °C and (d) 800 °C are shown at the bottom. Sloping profiles
are observed for all of the composites tested.

Figure 9. Voltage profiles for charging and discharging in an extended
voltage window from 3 V vs Li/Li+ to 0.05 V vs Li/Li+. Graphs for the
PF-TiO2/C composites for pyrolysis at (a) 700 °C and (b) 800 °C are
shown at the top, and graphs for the sucrose-TiO2/C composites for
pyrolysis at (c) 700 °C and (d) 800 °C are shown at the bottom.
Specific capacities and currents are per mass of all active material
(carbon and TiO2) in the composite.
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particulate TiO2, higher capacities are obtained by extenting the
voltage window.68

A clearer picture of the changes induced by cycling in a wider
voltage window can be obtained by examining rate performance
data vs cycle number and the morphology of the cycled
electrodes. Capacities for the electrodes cycled between 0.05
and 3 V vs Li/Li+ are considerably higher than those for
electrodes cycled in a narrow voltage window (Figure 6b). This
boost in overall capacity is especially noticeable at high rates,
with the PF-TiO2/C and sucrose-TiO2/C electrodes retaining
roughly 150 to 200 mAh/g of capacity at 10C. Because the
specific currents/capacities are per 84 wt % of the active mass
of the electrode, the overall improvement in capacity is even
greater than what is shown in Figure 6b when compared to
those electrodes cycled in the narrower window. Similar to data
obtained from the electrodes cycled in a narrow voltage
window, slight increases in the charge and discharge capacity
occur when returning to a C/5 rate for the electrodes cycled in
the wider window. Again, it is probably the contribution of a
polymeric gel that contributes to the increase. In contrast to
electrodes cycled between 1 and 3 V vs Li/Li+, capacities for all
the PF-TiO2/C and sucrose-TiO2/C electrodes are similar
when they are cycled in the wide window. Increasing the
pyrolysis temperature results in a slight improvement in
capacities at high rates (25 C), perhaps due to better electronic
conductivity in the amorphous carbon.
Another key difference between cycling in the two ranges is

that decomposition of the electrolyte should occur in the lower
voltage range, leading to formation of a stable SEI layer.7

Formation of this layer is responsible for the large drop in the
initial cycling capacity (see cycles 1 and 2 in Figure 6b), as
electrolyte degradation takes place. When TEM micrographs of
electrodes (washed in dimethyl carbonate to preserve the SEI)
taken after cycling are compared, a conformal SEI layer is found
on the surface of the electrode materials cycled in the wide
voltage window (Figure S14 in the Supporting Information). In
contrast, the SEI layer is absent (or extremely thin) in the
electrodes cycled between 1 and 3 V vs Li/Li+ (see Figure S14c
in the Supporting Information for an example). The SEI layer is
composed of light elements (Li, C, O and F), which explains
why little contrast is observed between this layer and the
composite.7 Despite the poor contrast, it is still clear that the
SEI layer does not block the macropore windows, preserving
the interconnected pore structure.
Finally, a 3DOM carbon reference material without any TiO2

(see the Supporting Information) was cycled in the voltage
window from 0.05 to 3 V vs Li/Li+. When compared to PF-
TiO2/C and sucrose-TiO2/C in Figure 6b, 3DOM C has lower
capacities than the composites at all rates. The difference in
capacities is especially pronounced at moderate charge/
discharge rates; the capacity of the composites outstrips that
of the 3DOM C by ∼100 mAh/g. This is akin to what has been
observed for mesoporous TiO2/C composites when compared
to mesoporous C.16,18 Additionally, the PF-TiO2/C and
sucrose-TiO2/C composites have comparable18,23 or greater
capacities16,22 at high charge/discharge rates when compared to
mesoporous TiO2/C composites pyrolyzed at higher temper-
atures. Returning to the reference material used in this study,
the contribution to the charge/discharge capacity in the range
from 1 to 3 V vs Li/Li+ is lower for 3DOM C than for the
composites. This is indicated by the steep slope of the voltage
profile (see Figure S15 in the Supporting Information) in this
range. Again, this is a telling sign that the TiO2 contributes to

the overall capacity, especially at high rates. A substantial
advantage is then achieved by the use of TiO2 for the anode
material. For rates greater than 1 C, PF-TiO2/C and sucrose-
TiO2/C deliver greater capacities than 3DOM carbon with
mesoporous walls,69 and lignin-derived carbon.70 Even
compared to highly conductive nanocarbon materials, i.e.,
carbon nanotube/mesoporous carbon composites71 and
graphene/carbon nanofiber composites,72 the TiO2/C compo-
sites provide similar capacities at high rates (10 C).
Besides providing control over the relative placement of the

titania in a carbon composite electrode,17 the colloidal crystal
templating method produces 3DOM composite structures with
improved charge transport properties compared to physical
mixtures of TiO2 nanoparticles and conductive carbon. This
was demonstrated through electrochemical impedance spec-
troscopy, comparing as-made and cycled electrodes of the
materials discussed above with electrodes prepared using a
mixture of P25 TiO2 and graphite (Figure S13 and Table S2,
Supporting Information). In all cells, the resistances increased
during the first 50 cycles due to the formation of an SEI layer.
Comparisons are therefore made for cells after 50 cycles. The
series resistance R1 (see Figure S13c, Supporting Information)
was lower for all 3DOM materials compared to the P25/
graphite composites, even though graphite is more conductive
than PF- or sucrose-derived carbon. The lower resistance is
interpreted to be the result of better contact between active
material components in the more continuous 3DOM structure
that contains TiO2 nanoparticles intimately embedded in the
carbon phase. The resistance R2, which is related to ion
transport across a surface,17 is also lower for PF-TiO2/C and
sucrose-TiO2/C materials than for P25/graphite (except for
sucrose-TiO2/C 700 °C), likely due to the more accessible
surface of the 3DOM structure. This is not the case for
resistance R3 associated with surfaces that are less accessible to
the electrolyte, because access to the TiO2 nanoparticles is
partially blocked by the surrounding carbon phase. On the
other hand, R3, part of a modified Randles cell, is significantly
lower for all 3DOM composite materials that contain smaller
TiO2 crystallites and carbon components than P25/graphite
composites and provide easier insertion of Li+ into active
material. Warburg coefficients (σ) are significantly smaller for
all 3DOM materials than for P25/graphite, also indicating
improved Li+-ion diffusion in the former. Overall, the lowest
resistances are found in the PF-TiO2/C materials that exhibited
the highest capacities at high rates.
A question still remains: why is the capacity of the

composites greater than that of the 3DOM carbon anode?
Several explanations have been put forward for capacity boost
observed with mesoporous TiO2/C in the literature, including
that the high surface area of the composites facilitates insertion/
extraction reactions.16,18,22 Interestingly, the surface areas for
the 3DOM TiO2/C composites presented in this chapter are
lower than what is attained in mesoporous TiO2/C,

18 yet the
3DOM materials have equivalent or greater capacities at high
rates. We posit two possibilities for the increase in capacities
when the 3DOM TiO2/C is cycled in an extended voltage
window. First, a synergistic improvement in capacity in TiO2/C
nanocomposites may arise from the numerous interfaces that
exist in these materials. Diffusion of lithium is easier through
grain boundary defects, and possible storage of lithium can take
place at the interfaces (much like the situation with amorphous
carbon).73 Second, extending the window may simply provide a
driving force for greater utilization of the TiO2 phase, as has
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been observed by Pfanzelt et al. for rutile TiO2.
68 Future studies

that determine lithium-ion diffusion rates in the composites,
determine at what voltages specific insertion events occur, and
determine the bonding environment around inserted lithium
ions may assist in resolving this open question.

■ CONCLUSION
In this paper, a set of 3DOM TiO2/C anodes, synthesized using
reduced toxicity precursors, were shown to exhibit high
capacities when cycled in different voltage windows. Both the
pyrolysis temperature used during processing and, to a lesser
extent, the carbon source in the precursor influence the final
structure of the composite. While the PF- and sucrose-TiO2/C
retain a 3DOM structure dictated by the colloidal crystal
template, irrespective of pyrolysis temperature, changes occur
in the Ti-containing fraction of the material. After pyrolysis at
700 °C, very small anatase and rutile crystallites are present.
Further, inhomogeneities in the crystallite size and the
crystalline polymorph arise at higher pyrolysis temperatures.
Widespread conversion of TiO2 to titanium oxycarbide occurs
at 800 and 900 °C, alongside considerable growth of both
anatase and rutile TiO2. Since crystal growth and conversion to
titanium oxycarbide is substantial for materials pyrolyzed at 900
°C, testing of the PF- and sucrose-TiO2/C was restricted to
samples pyrolyzed at 700 and 800 °C. Electrodes made from
these composites (and cycled between 1 to 3 V vs Li/Li+) have
high capacities at low and moderate charge/discharge rates.
During extended cycling at C/2, samples pyrolyzed at 700 °C
have capacities that exceed 200 mAh/g. However, capacities
decrease at high charge/discharge rates. While the exact origin
of the increase in capacity requires further study, changing the
voltage window to allow for Li+ insertion/extraction into the
3DOM TiO2/C is an effective means to substantially increase
the Li+ insertion/extraction capacity for these nanostructured
electrodes. The capacities of the composite materials are greater
than what can be obtained from similarly processed 3DOM C
and compare favorably with other high-performing carbon and
TiO2 anode materials. In certain cases, the capacities of the
3DOM TiO2/C match those of materials made using high cost,
potentially toxic nanocarbon materials. Using a precursor with
low toxicity, e.g., the one for sucrose-TiO2/C, does not
adversely affect capacities for Li+ insertion/extraction. This
finding opens up the possibility of tailoring various precursors
for hard templated materials in order to achieve greener
syntheses.
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